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Alumina-Silicon Carbide nanocomposites were produced and studied under different
aspects: characteristics of the starting materials, processing, microstructure and mechanical
properties. The raw materials were two kinds of fine SiC powders (30 and 45 nm) and two
Al2O3 powders (60 and 140 nm). Different compositions (amounts of SiC in the range
0.5–5 vol%) were performed and the characteristics of the resulting materials compared.
The oxygen enrichment in SiC nanopowder due to specific powder treatments was
controlled, in order to optimize powder processing routes. Densification tests of Al2O3-SiC
powder mixtures were performed both by pressureless sintering and hot pressing route.
The addition of SiC reduced the densification rate and favoured a refinement of the matrix.
Improvement of mechanical properties over monolithic alumina was obtained in
composites with the 45 nm SiC. The study pointed out that the critical factor for the success
of these materials is the choice of the raw SiC powders in terms of grain size and state of
agglomeration. The addition of this ultrafine SiC strongly affected the microstructural
evolution, even at low volumetric fractions. The results do not substantiate any remarkable
effect by dispersoids in the tested nanosize range. C© 2002 Kluwer Academic Publishers

1. Introduction
The class of materials known as nanocomposites
has been extensively studied over the past ten years
[1–20], mainly due to the great mechanical perfor-
mance obtained by Niihara and his co-workers [1–4].
In particular the most impressive results concern the
composite Al2O3 with addition of 5 vol% SiC that ex-
hibited an improvement of 300% for strength and of
50% for toughness over monolithic alumina [1]. The
SiC powder used in that study has a mean particle
size in the range 200–300 nm. Many researchers tried
to reproduce these materials and studied the numer-
ous factors that influence the final properties. Recently,
Sterniztke has reviewed and compared all the studies in
literature [5].

Conventional processing routes concerning powder
treatment and densification are not always efficient for
nanophase materials. Small differences in the process-
ing procedure can have a pronounced effect on the mi-
crostructure and properties [6–8]. In order to benefit
by the potentialities deriving from the introduction of
ultrafine particles in an alumina matrix, the principal
aim to achieve is a homogeneous dispersion of the sec-
ond phase. Mean grain size and distribution of the SiC
particles are critical factors as they affect the location
of the particulate in the matrix [9–11]. It was reported

[9] that SiC particles <150 nm, detached from advanc-
ing grain boundaries, are dispersed within the matrix
grains, while larger SiC particles are found mainly in
intergranular positions. Finally, the amount of oxygen
on SiC particle surface induced during powder treat-
ment must be carefully controlled as it results in liquid
phases during sintering and glassy intergranular phases
in the dense materials.

Although the results of Niihara have not been re-
produced by other researchers, various studies on
Al2O3/SiC nanocomposites have shown a significant
increase in strength over monolithic alumina, gener-
ally accompanied by a modest increase in toughness
[9–13]. Although intragranular fracture and increased
wear resistance are a plain indicator of grain bound-
ary reinforcement, the actual strengthening and tough-
ening mechanisms remain unclear [5]. In this respect,
different hypotheses have been indicated: refinement
of the matrix due to grain boundary pinning by the
SiC particles, change in the processing flaw type (from
Al2O3 typical void-like flaws to crack-like flaws), cre-
ation of dislocation networks, crack healing after an-
nealing. Several models dealing with these phenom-
ena have been developed; according to Niihara [1–3]
strength improvement is mainly due to the refinement
of the matrix in the nanocomposite with respect to
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monolithic alumina. It is more difficult to identify the
toughening mechanisms in these materials, as the ob-
served improvements are small or even absent. Tough-
ening can be achieved through R-curve effects, crack
deflection at the SiC particles, grain boundary strength-
ening caused by thermal expansion mismatch between
SiC and Al2O3 and/or internal stresses. However all
these mechanisms highly depend on processing proce-
dures and microstructural details [5].

According to a completely different approach, sev-
eral scientists stand up for no synergistic effect by nano-
sized particulate [12, 21, 22]. The improvement in me-
chanical properties may either be related to residual
microstresses stored in the material after sintering or
even be affected by extrinsic factors related to the sam-
ple preparation or testing procedure, rather than being
an inherent material property.

In this study Al2O3-based nanocomposites were pro-
duced from different kinds of powders. The starting alu-
minas were commercial powders with different mean
particle size, i.e., 140 and 60 nm. The ultrafine SiC
powders had 30 and 45 nm of mean particle size, which
means that the nanophase particles were four/five times
finer than those generally used in most of the studies
found in literature [1, 6–8]. The fraction of SiC par-
ticles was varied between 0.5 and 5 vol%. The mod-
ification of oxygen content in the finest SiC powder
was analyzed after specific powder treatments in order
to avoid additional oxidation during the preparation of
the Al2O3-SiC powder mixtures. The microstructure
and properties of these nanocomposites were studied
and discussed.

2. Experimental
The starting materials were: two commercial α-Al2O3
powders: Ceralox HPA 0.5 (labelled coarse) and
Baikalox CR30 (labelled fine), and two types of nano-
sized β-SiC powders labelled SiC1 (produced by
ENEA, Italy) and SiC2 (produced by CEA-Saclay,
Vitry Sour Seine, France) obtained via a laser route.

T ABL E I Characteristics of the starting powders (s. s. a. = specific surface area, m.g.s. = mean grain size, S = surface silica layer thickness)

s. s. a. (m2/g) m. g. s. (µm) Density (g/cm3) Purity (%) Chemical composition

Al2O3 coarse 11 140 3.95 99 p.p.m. Na:26 Si:24 Fe:9 Ca:10 Mg:8
Al2O3 fine 27 60 3.89 99.9998
SiC1 as received 42 45 3.21 aO:3.4 awt% Si:67.6, C:29.0, O:3.4

SiO2:6.4 wt%
S ∼ 0.7 nm

SiC1 after 12 h “ “ – aO:3.7 –
at 1300◦C under Ar SiO2:6.8 wt%

S ∼ 0.7 nm
SiC2 as received 63 30 3.2 aO:3.94 bAt% Si:48.3, C:48.4, O:3.3

SiO2:7.4 wt%
S ∼ 0.5 nm

SiC2 after 12 h at “ “ – aO:4.74 bAt% Si:50.31, C:43.65, O:5.99
1300◦C under Ar SiO2:8.9 wt%

S ∼ 0.6 nm
SiC2 after 12 h “ “ – aO:6.18 bAt% Si:49.9, C:46.7, O:3.4

in water at pH = 6 SiO2:11.6 wt%
S ∼ 0.75 nm

aFrom chemical analysis.
bFrom TEM + EDS analyses (mean values of 10 measurements).

The main characteristics of the powders are reported in
Table I.

Chemical analyses and TEM analyses were per-
formed on SiC powders to determine the amount of oxy-
gen and the silica layer thickness. In order to evaluate
the surface reactivity of the nanoparticles during pro-
cessing steps, the raw SiC powders were treated in aque-
ous environment (at R.T.) at pH = 6, for 12 h, follow-
ing a processing method generally employed in other
studies to homogenize the Al2O3-SiC powder mixtures
[23]. In addition, a powder sample of raw SiC2 was
heat treated in graphite furnace under Ar at 1300◦C
12 h. After each treatment, the variation of the surface
silica was evaluated through chemical analysis, as re-
ported in Table I. TEM and HRTEM analyses were also
performed on SiC2 powder.

Different amounts of silicon carbide were added to
the alumina powder, i.e., 0.5, 2.0, 5.0 vol%. Monolithic
alumina was also produced for comparison. The com-
positions are summarized in Table II. On the basis of
the results presented in the next section, water-based
solvents were considered unsuitable to homogenize the
powder mixtures of Al2O3 and SiC. Therefore, the
mixtures were prepared through separate dispersions
of the starting powders in ethyl alcohol by ultrasonic
pulses associated with magnetic stirring. The batches
were then mixed and further homogenized by ultrasonic
pulses. Drying was performed in a rotary evaporator un-
der an inert gas stream and then the powders were pass-
ed through a plastic sieve (150 µm). Hot pressing was
performed under vacuum (10−1 Pa) at temperatures in
the range 1670–1700◦C, for 10–20 minutes of soaking
time and with an applied pressure of 30 MPa (Table II).

For pressureless sintering tests, the mixture were fur-
ther treated in hexane with 2 wt% of a phosphate ester
(Enphos PS21A) + 2 wt% trioleine in order to achieve
a suitable green density. Green pellets were prepared
by die pressing at 100 MPa and cold isostatic press-
ing at 380 MPa, and then sintering was carried out in
graphite furnace under Ar or N2 at various temperatures
(1600–1800◦C) with 1–4 h of holding time.
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T ABL E I I Compositions, raw powders, hot pressing parameters (P = 30 MPa) used to produce dense composites. Density of the hot pressed
samples and mean grain size of the matrix alumina

Materials Density

Sample Composition Al2O3 SiC H. P. cycle (◦C/min) (g/cm3) (%) Matrix m.g.s. (µm)

A5∗ Al2O3 + 5 vol% SiC Coarse SiC1 1700/15 3.86 99 0.34
A∗ Al2O3 Coarse – 1450/25 3.94 100 1.2
A5 Al2O3 + 5 vol% SiC Fine SiC2 1700/20 3.87 99 0.3–0.4
A2 Al2O3 + 2 vol% SiC Fine SiC2 1670/10 3.84 99 0.4–0.5
A0.5 Al2O3 + 0.5 vol% SiC Fine SiC2 1650/10 3.88 100 ∼0.6
A Al2O3 Fine – 1450/25 3.89 100 ∼0.9

Al2O3 coarse: Ceralox HPA0.5; fine: Baikalox CR30.

The density of the sintered materials was measured
through the Archimede method in distilled water. The
crystalline phases were determined by X-ray diffrac-
tion. The samples were cut and polished to 1 micron
for SEM observation. Thermal etching was carried out
in a graphite furnace at 1350◦C in atmosphere of Argon
in order to delineate the grain boundaries. SEM-EDX
microanalysis was performed on selected samples. On
SEM micrographs the mean grain size of the matrix
grains was measured through the method of Hilliard:
d = C/L M where C is the length of a circumference,
L the number of grain boundaries on C and M the mag-
nification.

For TEM observations, disc-shaped samples were
mechanically ground up to 80 µm in thickness using
6 µm diamond paste in order to minimize the dam-
age (micro-cracking) introduced in the sample dur-
ing preparation. The samples were dimpled to 10 µm,
then thinned by ion-milling (Ar+, 6 kV). A Jeol 2010
equipped with a Link analyser EDS System and a
HREM Topcon EM 002B (200 kV, Cs = 0.4 mm) were
used. The chemical analyses were carried out using a
probe size of 10 nm.

The following mechanical properties were measured:

– Vickers microhardness (HV1.0) measured on pol-
ished surfaces using a Zwick 3112 hardness tester,
according to the European Standard ENV 843.

Figure 1 TEM images of the starting SiC powders. (a) SiC1, 45 nm, (b) SiC2, 30 nm.

– Fracture toughness (KIc) evaluated with the same
apparatus with a load of 98 N using the version of
Anstis et al.’s formula as proposed by Zhao et al.
[12].

– The Young modulus E measured through the reso-
nance frequency method according to the European
Standard ENV 843-2 on specimens 28.0 × 8.0 ×
0.8 mm3 (length × width × thickness).

– Room Temperature flexural strength, in 4-point
bend fixture on chamfered bars 2 × 2.5 × 25 mm3,
with 20 and 10 mm as outer and inner span respec-
tively, using a crosshead speed of 0.5 mm/min.

3. Results and discussion
3.1. Characteristics of the nanosized

SiC powders
In Fig. 1a and b TEM micrographs of SiC powder are
shown. SiC1 presents dispersed particles, while in SiC2
the particles are agglomerated forming long chains.The
results of chemical analysis are reported in Table I. The
resulting SiO2 amount is about 6.8 wt% for SiC1 and
7.4 wt% for SiC2. Assuming the value of 2.45 g/cm3

for the density of silica, the mean silica layer thickness
on the SiC particles, estimated from the specific surface
area, is 0.7 and 0.5 nm for SiC1 and SiC2 respectively.
In Fig. 2a a HRTEM of a 20 nm particle of SiC2 is
shown, revealing a 1 nm thick silica layer on the surface.
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Figure 2 HRTEM micrographs of powder SiC2. (a) as received, (b) after thermal treatment at 1300◦C/12 h/Ar, (c) after treatment in aqueous
environment (R.T, pH = 6).

After the thermal cycle under argon, the oxygen con-
tent increased in both SiC powders, probably because a
very low partial pressure of oxygen (2 × 10−1 Pa) was
present in the furnace. At the same time a carbon loss
occurred. The measured values are reported in Table I.
In Fig. 2b, a HRTEM micrograph of SiC2 after thermal
treatment reveals the silica layer.

The variation in the surface chemical composition of
powder SiC2 after the treatment in water (R.T., 12 h,
pH = 6) is revealed from the oxygen amount that is re-
lated to SiO2 amount and the surface layer thickness
(Table I). The results indicate that this treatment in-
creased the amount of oxygen from 3.9 to 6.2 wt%.
The surface layer thickness is shown in the HRTEM
micrograph of Fig. 2c. This test proved that water-free
solvents have to be used for the preparation of the pow-
der mixture, in order to avoid oxygen enrichment.

3.2. Sintering behaviour of Al2O3-SiC
powder mixtures

As previously mentioned, both pressureless sintering
and hot pressing tests were carried out to evaluate the
nanocomposite sinterability. The maximum final den-
sity achieved through pressureless sintering was 92% of
relative density. The thermal cycle at T = 1600–1700◦C

in Ar, induced a substantial grain coarsening of Al2O3
particles, but sintering was very poor. An example of the
low degree of densification reached by the nanocom-
posite containing 5% SiC after 1 hour at 1600◦C under
argon, is shown in Fig. 3. Some necks connecting alu-
mina grains are visible, but substantial grain growth
without sintering occurred. Increasing the temperature
to 1800◦C, no improvement of the final density was ob-
tained and the densification was associated to a weight
loss, due to the reaction of SiO2 with SiC [9]:

SiC + 2SiO2 → 3SiO(g) + CO(g)

No densification was obtained when flowing N2 was
adopted for these tests. In contrast, monolithic alumina
is normally densified to full density by pressureless sin-
tering at 1550◦C in air.

Although nanocomposites are generally very diffi-
cult to densify by pressureless sintering, some authors
did succeed in producing dense materials, using SiC
powders with grain size of about 150 nm, that is 4–5
times larger than the SiC used in this study [6]. In other
words, for the same volumetric fraction of the second
phase, the number of particles in the present case is
about 2 orders of magnitude higher than in the mate-
rials found in literature. The SiC particles and their
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Figure 3 Low degree of densification in the nanocomposite containing 5% SiC after 1 hour at 1600◦C under argon.

Figure 4 Densification behaviour of the nanocomposite powder mix-
tures.

agglomerates (visible around the alumina grains in
Fig. 3) strongly retarded the densification mechanisms,
by hindering the grain boundary movement.

Fully dense materials were obtained by hot pressing.
The comparison of the densification behaviour, evalu-
ated by the increase of density versus time/temperature
(Fig. 4), confirms that the presence of silicon carbide
particles lowers the sintering rate, therefore higher tem-
peratures in respect to monolithic alumina are required
to obtain fully dense materials, as already observed [1,
2, 6]. Similar densification behaviour was found for the
nanocomposites produced with the same starting raw
materials (A5, A2, and A0.5).

The influence of the type of Al2O3 powder is revealed
comparing the densification behaviour of mixtures A5∗
and A5 (Fig. 4). As the powder mixtures were prepared
in the same way, the difference is related to the char-
acteristics of the raw materials: in the case of A5∗, the
higher mean particle size of the coarse Al2O3 (Table I)
led to a better particle packing and consequently a
higher green density (62% against 40–45%). On the
other hand, the mixture A5 started to shrink at a lower

temperature, due to the initial shrinkage step of parti-
cle rearrangement and, subsequently, showed a higher
densification rate. At the beginning of the isothermal
stage, all the mixtures reached more than 90% of rela-
tive density.

Although for these systems solid state sintering is
considered as the main mechanism for densification,
the presence of a high amount of silica in the start-
ing SiC powder may have favoured the formation of a
liquid phase and consequently a liquid-aided sintering
process could have locally occurred. SEM and TEM
observations confirmed the presence of amorphous liq-
uid phase located at triple junctions, as explained in
Section 3.

The SiC particles should be inert and non-sintering
during the consolidation process. However, for higher
SiC volume agglomerations, their partial sintering pro-
moted by liquid silicate glass may have led to formation
of larger particles.

3.3. Microstructure
3.3.1. SEM analysis
The fracture surfaces of the nanocomposites (see an
example in Fig. 5) confirm an evident change of the
fracture mode from completely intergranular (typical
of alumina) to a mixture of inter- and trans-granular.
The fraction of transgranular fracture increased with
increasing amount of second phase. From the SEM
images of polished surfaces it was ascertained that
little or no residual porosity is present. The typical
microstructure of the nanocomposites is shown in
Fig. 6, presenting a SEM micrograph of sample A2
after polishing and thermal etching at 1350◦C. SiC par-
ticles are predominantly located along the matrix grain
boundaries, while only a small amount was found inside
the grains. As the majority of particles in SiC2 appear
linked together in the starting powder, they tend to form
agglomerates also in the final products (particularly in
A5 and A2). These clusters can be the origin of defects,
like microcracks. In A5* sample, a better distribution
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Figure 5 Fracture surfaces of (a), A5, (b) A2, (c) A0.5 and (d) alumina.

Figure 6 SEM micrograph of sample A2 after polishing and thermal etching at 1350◦C.

of SiC particles along grain boundaries with little or no
agglomerations was observed due to the dispersion and
de-agglomeration of the particles in SiC1 powder. As a
consequence, no microcracks formed during sintering
and microstructural evolution.

The mean grain size values, reported in Table II, con-
firm the tendency to decrease with increasing SiC vol-

ume fraction, as reported by many authors [1, 2, 6, 13–
15]. The grain size distribution is not homogeneous in
the dense specimens containing SiC2: in A0.5 sample
for instance, groups of grains with dimensions ranging
from 1.5 to 1.7 µm are surrounded by regions of smaller
grains with mean size from 0.3 to 0.5 µm. Similarly in
A2, groups of 1 to 1.4 µm grains were observed as
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Figure 7 (a) Thermal etched surface of A5 showing microcracking along grain boundaries. (b) Abnormal alumina grain growth in the fracture surface
of A5∗.

well as 0.3–0.5 µm grains (see Fig. 6). Finally in A5 a
certain inhomogeneity was observed too, due to a not
perfect mixing of the starting powders.

On thermal etched surfaces microcracks were ob-
served. The microcracks propagate along the grain
boundaries and arise during cooling from thermal ex-
pansion coefficient mismatch between SiC and alu-
mina. These cracks were not found in sample A5∗ and
were attributed to the fact that SiC2 particles are ag-
glomerated (Fig. 7a).

Comparing the systems A5 and A5∗, that have the
same SiC volumetric fraction but different starting
alumina powders, the same matrix mean grain size was
found, irrespective of the different Al2O3 powder grain
size. Moreover the final dimensions of the matrix grains
were not influenced by the size and the state of agglom-
eration of the SiC particles. Occasionally, in sample
A5∗ abnormal alumina grain growth (up to 30 µm) was
observed. An example is shown in Fig. 7b, represent-
ing a fracture surface resulting from flexural strength
tests. These defects were probably due to the presence
of large agglomerates in the starting coarse alumina
powder, as they were not observed in the materials
prepared with the fine Al2O3. The exaggerated grain
growth could also have been favoured by the presence
of a SiO2-rich liquid phase.

3.3.2. TEM analysis
Additional microstructural features were revealed by
TEM analyses, performed on nanocomposites pro-
duced from SiC2. The example shown in Fig. 8, rel-
ative to the sample A5, confirms that SiC particles

are predominantly (>90%) located along the matrix
grain boundaries, while only very small particles (about
20 nm) are entrapped inside the alumina grains. The
agglomerates of SiC particles often surround a pore
which can be open or act as a sink for the accu-
mulation of excess amorphous phase. Otherwise, SiC
grains are packed together along grain boundary form-
ing polycrystals, having dimensions up to 500 nm. The
SiC mean grain size is about 50 nm. Large pockets
of SiC grains associated with porosity are frequently
observed in triple junctions. Small agglomerates con-
taining less than 10 particles can also be found inside
the alumina grains. Observing the crystals under dy-
namic conditions (Bragg conditions), strain contrast is
visible around intragranular SiC particles, as shown in
Fig. 9. Thermal expansion coefficient mismatch be-
tween alumina and SiC causes local residual stresses
that induce the strain observed. No microcracks were
observed around intragranular SiC particles.

A triple junction observed is shown in Fig. 10. The
SiC grains exhibit numerous stacking faults. They are
well faceted and seem to be embedded inside a glassy
phase. On the other hand, a certain amount of glassy
phase is expected to have formed due to the high con-
tent of SiO2 in the starting SiC powders (Table I). EDS
microanalysis was performed inside the pocket contain-
ing SiC nanocrystals, shown in Fig. 10 (size of analysed
areas ∼15 nm). The composition of the intergranular
phase (containing mainly Al, Si, and O) seems to be
heterogeneous, but it is difficult to determine the ex-
act composition as the contribution of the surrounding
Al2O3 grains cannot be excluded.
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Figure 8 Distribution of SiC particles in A5. SiC particles are predominantly located along the matrix grain boundaries.

Figure 9 Sample A5. Strain contrast around intragranular SiC due to thermal expansion coefficient mismatch between alumina and SiC.

In Fig. 11 a HRTEM micrograph of the SiC/Al2O3
interface is shown. In this case the phase boundary is
free from amorphous phase. However, the presence of
thin films (2 nm thick) at these boundaries cannot be
excluded [9] even if the liquid phase accumulates pref-
erentially in large pockets and pores in the open space

between large SiC particle agglomerates. The micro-
graph in Fig. 11 suggests strong adhesion between the
particle and the matrix in the A5 nanocomposite. This
is in agreement with the change in fracture path from
intergranular in pure alumina to transgranular in the
composites.
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Figure 10 Sample A5. High magnification micrograph of a triple junction. The SiC grains exhibit numerous stacking faults and are embedded inside
a glassy phase.

Figure 11 Sample A5. HRTEM picture of a SiC/Al2O3 interface. The phase boundary is free from amorphous phase.
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4. Mechanical properties
The results are summarized in Table III. For compari-
son, the properties of the monolithic alumina are also
reported. All nanocomposites show a slightly increased
hardness over monolithic alumina. Comparing the sys-
tems with the same SiC volumetric fraction, namely
A5 and A5∗, the values can be considered statistically
the same. Theoretically, assuming a linear rule of mix-
tures, by adding 5% SiC an increase of about 0.5 GPa is
expected. Moreover according to this rule, hardness is
expected to increase with increasing the SiC volumet-
ric fraction. This trend was approximately confirmed
by the experimental values obtained.

The Young modulus values are lower than one would
expect on the basis of the rule of mixtures. In the case
of sample A5∗, considering the values of 396 GPa for
alumina and 420–440 GPa for SiC, an increase of about
2 GPa should be observed for nanocomposites. Simi-
larly, for the materials produced with SiC2, the Young
modulus is observed to decrease with increasing par-
ticulate fraction. Possible explanations, related to mi-
crostructural features, are: (a) the presence of grain
boundary silicate phases, which possess a low value
of elastic modulus and (b) the presence of intergranu-
lar microcracking due to residual stresses between the
matrix grains and SiC agglomerates.

The fracture toughness of A5∗ sample was observed
to increase of about 40% over monolithic alumina. This
can be explained simply by the change in fracture mode
from intergranular to transgranular, which implies a
reinforcement of the grain boundary. It has been es-
timated that the toughness increase solely due to the
change of fracture mode is about 1.58 Ko, where Ko is
the fracture toughness of monolithic alumina [23].

In the case of materials produced starting from SiC2
(A5, A2 and A0.5), the toughness values are lower than
those of the corresponding alumina independently on
the added volumetric fraction and despite the change in
fracture mode. The crack path was straight and its length
longer than in alumina. The fracture mode change was
not effective in the present case. The presence of mi-
crocracks, which is often considered as a toughening
mechanism, was detrimental for these materials, prob-
ably as a consequence of the number and dimensions
of these defects. Conflicting results and theories are re-
ported in literature about the grain boundary strength-
ening and toughening [1, 12, 21, 22, 25]. According to
Niihara [1–3] and concerning toughening effects, SiC
particles should be located inside the alumina grains.

T ABL E I I I Mechanical properties

Mechanical properties

Flaw size∗ (µm)

Sample m.g.s. (µm) HV1.0 (GPa) E (GPa) KIC (MPa∗m1/2) σ (MPa) I II III

A5∗ 0.34 20.4 ± 0.4 357 ± 4 3.8 ± 0.2 642 ± 102 21 19 15
A∗ 1.2 18.7 ± 0.6 396 3.0 ± 0.2 430 ± 37 28 25 19
A5 0.3–0.4 20.1 ± 0.4 368 ± 4 2.9 ± 0.1 403 ± 29 32 28 22
A2 0.4–0.5 20.9 ± 0.5 367 ± 4 2.7 ± 0.1 477 ± 21 20 17 13
A0.5 ∼0.6 19.1 ± 0.4 379 ± 4 2.9 ± 0.2 423 ± 75 29 25 20
A ∼0.9 18.3 ± 0.5 380 ± 4 3.5 ± 0.2 575 ± 142 23 20 15

∗Calculated from Griffith equation, at different flaw shape: I Semicircle c = a, II Semiellipse c = 1.4a, III semiellipse c = 2a.

However, as illustrated in the previous sections, in the
materials of the present study, SiC particles are located
preferentially along the grain boundaries.

Moreover, the materials presented by Niihara should
be considered submicron-sized and not nano-sized
composites, as the SiC particle dimensions range from
100 to several hundred nm and the matrix grain size
in the composite containing 5 vol% SiC is about
1–2 µm [2, 3]. Therefore the theories about mecha-
nisms governing grain growth and densification and
subsequently microstructure and mechanical proper-
ties may not be suitable for finer materials, as the ones
presented in this study. The toughness data, measured
on ceramic composites having both the matrix and the
second phase of nano-size dimensions, do not sustain
any of the toughening mechanism previously suggested
[21, 22]. More likely, in agreement with the assump-
tions of Pezzotti et al. [22, 24] our results validate
the hypothesis that toughnening effects are not achiev-
able by the nanocomposite approach: dispersoids much
larger than the nanometer scale would be needed to ob-
tain tangible benefits in terms of intrinsic toughness. In
fact positive effects were obtained when using particu-
late having dimensions from 0.5 µm to some microme-
ters [1, 13, 23]. Finally, as the specimens were polished
up to 1 µm before being indented, the measured tough-
ness values are not affected by residual stresses due to
machining, in contrast with the results reported by Zhao
et al. [12].

Flexural strength increased from 430 to 642 (49%)
for the A5∗ system produced with the SiC1. SEM
analyses of the fracture surfaces revealed that the crit-
ical defects were agglomerates of Al2O3 grains (see
Fig. 7b). An estimation of the flaw size C of both
A5∗ and A was performed through the Griffith equa-
tion σ = Y KIC/C1/2, where Y is the geometrical factor
that depends on flaw shape [26]. Different shape factors
were considered and the values obtained are reported
in Table III. Through a simple comparison of the ex-
perimental values, one concludes that the increment of
strength over monolithic alumina can be attributed to
both the increase of toughness and decrease of the criti-
cal flaw in the nanocomposite, which, in turn, is related
to matrix grain size refinement.

In the case of nanocomposites produced with SiC2,
no beneficial effect was observed concerning strength.
In contrast with the results reported in the literature,
the strength values were observed to decrease with
increasing the fraction of added particles. A possible
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explanation for this kind of behaviour is again, the pres-
ence of microcracks that in many regions nearly form
a network, and the presence of SiC particle aggregates
and consequent porosity. This hypothesis is based on
the following observations:

– The lowest value of strength was found for the sys-
tem A5 that exhibited the highest number of cracks.

– This sample showed a large number of SiC ag-
glomerates at triple points (on TEM images).

– In most of the fracture surfaces of these materials, it
was not possible to identify the critical flaw giving
rise to the sample rupture.

– Cracks form along the grain boundary, as con-
firmed by microstructural analysis, in agreement
with previous studies on composites with inter-
granular particles [27].

The critical flaw size, obtained through the Griffith
equation, increases over monolithic alumina. If the
sample rupture was caused by microcracks, this means
that cracks were almost connected and extended over
regions as large as several tens of µm. The decrease of
strength in these materials is therefore due to both the
low toughness and the increase of flaw size dimensions.

The results obtained show a considerable difference
in mechanical behaviour between systems A5 and A5∗,
containing the same volume fraction of SiC particles.
This does not depend on the matrix mean grain size and
grain size distribution that are quite similar. In addi-
tion both systems exhibit a change in the fracture mode
from intergranular to transgranular. The main factor de-
termining the difference in mechanical performance is
therefore related to the different features of SiC start-
ing powders and their dispersion in the dense materi-
als. In sample A5, the presence of SiC agglomerates
prevented complete densification and affected all me-
chanical properties, particularly strength and fracture
toughness. In theory, a decrease of grain size should
lead to an increase in strength. However, the compos-
ites containing SiC2 were subjected to an additional
source of internal stresses, the thermal expansion co-
efficient mismatch between matrix and particles ag-
glomerates. Therefore in the case of A5 (as well as
A2, A0.5), the positive effects of the fine microstruc-
ture were overcome by the presence of an extended
microcracking.

In contrast, no or little amount of SiC agglomeration
was found in sample A5∗, prepared from SiC1, there-
fore strength benefits from grain size refinement.

Finally, it is not possible to attribute the improvement
of strength observed for A5∗ to an apparent tough-
ening of the material due to compressive stresses in-
troduced by machining operations, as all the bars for
strength tests were cut and machined following the
same procedure.

The observed strength behaviour is related to the re-
lationship between processing flaws and particle size.
In fact, all the nanocomposites present flaws typical in
size of micron and sub-micron ceramics: large alumina
particles, microcracks, and crack-like voids due to SiC
agglomerates. Size and volume density of these flaws

depend on the processing routes and are inversely de-
pendent on the particle size of the raw powders.

5. Conclusions
An extensive study on Alumina-Silicon Carbide
nanocomposites was carried out, concerning analysis
of raw materials, processing, microstructural and me-
chanical characteristics. A range of different composi-
tions was produced and studied and different kinds of
raw materials were used. Chemical analyses and TEM
observations were performed on SiC powders to de-
termine the amount of oxygen and its enrichment after
treatment in water. As a result, water-free solvents were
preferred for powder processing.

The sintering tests confirmed that these systems have
a poor sinterability due to the presence of SiC particles
that hinder the densification mechanisms. Nearly full
dense materials were obtained by hot pressing, while
very low densities resulted after pressureless sintering.

SEM and TEM observation of the microstructure
confirmed that SiC particles affect the matrix grain
size, as already found in the literature. The mechanical
tests showed in some cases improvement of mechan-
ical performance but also degradation with respect to
monolithic alumina.

This study has pointed out that not only the compo-
sition but, to a large extent, the type of nanopowders
and the processing procedure are the fundamental fac-
tors affecting the characteristic of the final products.
The predominant effect of SiC is related to the high
number of particles per unit volume, that interfere with
densification and grain growth mechanisms, creating
obstacles to the grain boundary movement during sin-
tering and defects where they agglomerate, like poros-
ity and stress accumulation. Processing flaws acting as
critical defects under mechanical stresses overcome po-
tential positive effects due to the very fine microstruc-
tures like those designed in Al2O3-SiC in ceramic nano-
composites.
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